The generation of internal stresses/strains arising from mechanical deformations in single-phase engineering materials was studied. Neutron diffraction measurements were performed to study the evolution of intergranular strains in austenitic steel during sequential loadings. Intergranular strains expand due to incompatibilities between grains and also resulting from single-crystal elastic and plastic anisotropy. A two-level homogenization approach was adopted in order to predict the mechanical state of deformed polycrystals in relation to the microstructure during Bauschinger tests. A mechanical description of the grain was developed through a micro-meso transition based on the Kro¨ner model. The meso-macro transition using a self-consistent approach was applied to deduce the global behavior. Mechanical tests and neutron diffraction measurements were used to validate and assess the model.
I. INTRODUCTION
ONE of the major issues in materials engineering is to satisfy requirements for the manufacturing of mechanical structures made of damage-resistant alloys. Engineering processes create defects at the surface and / or localized in the mechanical piece. These defects are characterized by cracks, micro-cracks and residual stresses which result in fast or slow damage of the mechanical parts during service. The choice of the alloy allows making the material more or less ductile to resist the various mechanical loadings.
A better understanding of the mechanical properties of alloys and the prediction of those properties lead to optimization of manufacturing processes and cost reductions. Understanding the relationships between the microstructure and the mechanical properties is very important for this. Several experimental and theoretical works were done in recent decades to identify and describe realistically the main physical mechanisms observed in metallic materials. Many studies were performed on plasticity mechanisms, as dislocation microstructure, leading to the development of a crystal plasticity approach. Therefore, the homogenization approach was developed to predict the macroscopic behavior by linking the different physical mechanisms to the material behavior.
This kind of approach aims to deduce the macroscopic properties of materials from the characterization and analysis of their microstructure and their deformation mechanisms. This methodology is based on a combined transition level approach and experimental analysis. [1] Characterizations and mechanical validations (mechanical tests, diffraction analysis…) are performed at the local and macroscopic levels linked to the definition of the representative elementary volume (REV). Thus, it is necessary to define the suitable scale of basic volume (BV) or the element of REV. Therefore, the analysis of activated mechanisms allows the implementation of a multiscale method so as to determine the macroscopic behavior. Depending on the type of studied materials and the intended applications, the considered BV has to be different. For a polycrystalline aggregate, the grain represents the starting scale also called BV. According to its orientation, each grain has a different behavior related to the crystallographic nature of the strain mechanisms.
In the monotonic loading cases, polycrystalline approaches such as self-consistent models give results in agreement with experimental observations as in the cases of hardening, texture evolution and internal strain. [2] However, these models remain weak in the case of changing path loading as Bauschinger tests in which the second load is poorly described (yield stress, strain hardening). This is because some physical phenomena are not taken into account at the grain scale during plasticity with a more realistic description. The formation of a dislocation microstructure, responsible for intragranular heterogeneities, is insufficiently represented through hardening laws. low and monotonic loading, they gradually give rise to intragranular heterogeneities during complex loading. [4, 5] On the other hand, analysing the Bauschinger effect would be better to predict the mechanical behavior for fatigue tests. In fact, the dislocation microstructure, appearing during the first sequential loadings (tensile-compression for example), has significant influence on materials lifetime. [6] [7] [8] Recently, several studies were carried out to develop models which incorporate the effects of dislocation microstructure on the global and local mechanical response of a metallic material. [9] [10] [11] [12] The first attempt to model the dislocation structure was proposed by Mughrabi [13] who introduced an approach in which the grain was considered as a composite consisting of hard dislocation walls (with high local dislocation density) separated by soft regions (with low local dislocation density). Peeters et al. [14, 15] developed a semi-phenomenological crystal plasticity approach that incorporates more details of microstructural evolution at the grain scale (evolution of dislocation densities) and used a full-constraint Taylor model to describe the behavior of body-centered cubic structure polycrystals (BCC). Karaman et al. [16] used a similar approach and successfully modelled the deformation of Hadfield steel with a viscoplastic self-consistent (VPSC) scheme. Viatkina et al. [17] used a micromechanical model of dislocation cell structure accounting for the material inhomogeneity and incorporated the internal stresses.
Knezevic et al. [18] implemented the VPSC polycrystalline model in an implicit finite element (FE) framework, accounting for a dislocation-based hardening law for multiple slip and twinning modes at the grain level. Their model was applied to simulate the macroscopic mechanical response of a highly anisotropic low-symmetry (orthorhombic) crystal structure. Franz et al. [19] adopted advanced large-strain elastoplastic single-crystal constitutive modelling, accounting for the main physical mechanisms that are relevant at the microscale. They have used the self-consistent scale scheme which was then used to derive the overall constitutive response of polycrystalline aggregates, including the essential microstructural aspects (e.g., initial and induced textures, dislocation density evolution and softening mechanisms). Saleh et al. [1] took into account the pronounced Bauschinger effect observed upon reversal load by a combination of the intergranular residual stresses and the intragranular sources of back stress, such as dislocation pile-ups at the intersection of stacking faults. This study was investigated on a twinning-induced plasticity (TWIP) steel via in situ neutron diffraction during cyclic loadings (tension-compression) between strain limits of ±1 pct.
A composite model was employed to describe the material with its dislocation cell structure. [4, 5, 13, 20, 21] This approach was successfully applied to predict the macroscopic behavior of face-centered cubic crystal structure (FCC) alloys after various strain path changes. The concept of non-local hardening (the yield stress of the walls increases with the plastic strain of the cells) related to the two-phase cells structure was introduced, for the first time, by Muller et al. [4, 5] and developed later by Lemoine et al., [21, 22] with a two-scale homogenization based on a polycrystalline model. The morphology of the dislocation structure was taken into account by the authors. The different numerical results concerning complex path loads show a better description of the influence of the dislocation structure.
In previous works, [3, 23] based on the approach originally proposed by Muller et al., [4, 5] the present authors have extended the elastoplastic self-consistent model (EPSC) by incorporating more details of the microstructure at the grain scale. The grain was considered as a two-phase material (dislocation walls and cells). Dislocation densities on each slip system were considered as internal variables and a hardening matrix, taking account the different dislocations interactions, was proposed.
A micro-mechanical description of a single crystal was developed through a micro-mesoscopic transition using Kro¨ner [23] and self-consistent [3] approaches. Therefore, the grain behavior was calculated from phases (cell and wall). In addition, a meso-macroscopic transition, using the EPSC method, [24] was applied to deduce the macroscopic response of the FCC aggregate. The simulations based on the developed model demonstrated its ability to predict the experimental response of the observed material after moderate strain-path changes. To validate their approaches, the present authors used experimental results from the literature. [25] [26] [27] In this work, a two-level homogenization approach was developed for the micromechanical modelling of the elastoplastic material behavior. [23] This study is particularly devoted to sequential loadings. At the microscopic scale, the mechanical behavior is described by the Kro¨ner's model. The grain is considered as a two-phase material: dislocations walls (with high density dislocation) and cells (with low density dislocation). The intragranular heterogeneities are highlighted by a non-local work-hardening, which is linked to the two-phase description. In this model, the dissolution of the dislocation microstructure observed during the second loading is implemented. At the global scale, the mechanical behavior is deduced from the mesoscopic one by an EPSC model. To validate our numerical approach and explain the Bauschinger mechanisms, a confrontation between simulation results and neutron diffraction (ND) experimental data ends this paper. This will allow getting a complete analysis at different levels: from the diffraction volume scale to the macroscopic one.
II. EXPERIMENTAL PROCEDURE
The material used in the present work is a standard 316L austenitic steel alloy. Its chemical composition is given in Table I . The cylindrical samples were 8 mm in diameter and 14 mm high.
The initial residual stresses were determined in a non-deformed sample with a four circles XRD 3003 PTS SEIFERT goniometer using K a chromium radiation with a 0.5 mm diameter collimator. The diffraction peaks, corresponding to (220) plane, were collected by a position sensitive detector for the azimuths u = 0 deg, 45 deg and 90 deg with 16 tilt angles ranging from À48 deg to 45 deg. The set of diffraction peaks obtained for all incidence angles have been fitted with a pseudo-Voigt function taking into account the K a1 -K a2 contribution. The centroid of the fitted diffraction line was taken as the peak position. For each diffraction peak, background was fitted through a polynomial function. The measurement ranges were chosen in order to cover an adequate number of points for a complete description of peak tails and background. The counting times and step size were adjusted to obtain a sufficient peak-to-background ratio for an accurate peak position determination. Using Bragg's law, the interplanar spacing was calculated from diffraction peak displacements. The standard sin 2 w method was used for the determination of the residual stress tensor. The diffraction elastic constants 1/2S 2 and S 1 were theoretically calculated with an elastic self-consistent model. [28] The initial residual stresses determined by XRD in the non-deformed sample were introduced into the model as the starting grain stresses for simulation calculations. Appropriate boundary conditions were applied to model the mechanical loading at the strain state corresponding to the neutron diffraction measurements that were performed. Due to the presence of initial residual stresses, the predicted lattice strains are not equal to zero for the non-deformed material. For a direct comparison with experimental strains measured by neutron diffraction, the relative strains corresponding to the applied stresses and defined by Eq. [1] were calculated. [29, 30] In order to analyse the lattice strains in the bulk sample, we used the ENGIN-X beamline at the ISIS facility, Rutherford Appleton Laboratory (Didcot, UK), using a 50 kN Instron testing rig. Briefly, the ENGIN-X instrument presents a horizontal loading axis composing a 45 deg angle with the incident beam [31] ( Figure 1 ). Two detector banks are set up at angles ± 90 deg to the incident beam, allowing simultaneous measurements of lattice strains in both parallel (loading direction, denoted LD, and perpendicular (transverse direction, TD) directions to the applied load, in the opposing 90 deg detector banks. The detector banks cover ±14 deg in the horizontal plane and ±21 deg in the vertical one. [31] ENGIN-X measurements are performed on the basis of time-of-flight technics (TOF). The incident beam coming from the source is split into neutrons bunches thanks to a chopper rotating at a specific frequency. Each bunch is thus constituted with neutrons having different energies (i.e., different wavelengths) and so different velocities. It means that neutrons, from the same bunch, will cover the distance [source À instrument (sample) À detector] in a distinct time depending of their velocity. Then, measured data can be analysed using the TOF method, as neutrons are collected as a function of their propagation times or TOF (i.e., as a function of their energies) and not as a function of the Bragg angle h hkl . As the measured TOF depends of the neutron wavelength, the Bragg law can be expressed with
Þ , where dhkl is the interplanar distance in Å , h is the Planck constant, m n is the neutron mass, L is the neutron source to detector covered distance and h hkl the Bragg angle. A consequence of the TOF technics is that the whole diffraction pattern (effective d-spacing range from 0.88 to 2.63 Å ) can be collected in a single neutron detector and the diffraction patterns expressed the diffracted intensity versus TOF (in ls) or based on the interplanar distance d hkl (d-spacing, in angstroms).
The gauge volume was 4 9 4 9 4 mm 3 , and the recording time was taken over 15 minutes for each measurement at a given macroscopic strain. Macroscopic strain was monitored on the sample using a clip gauge. Peak fitting was performed using the Open Genie code. [32] Single peak fitting enables following the answer of individual lattice reflections hkl to deformation and thus directly provides information on intergranular effects. Changes in individual peak positions during deformation as returned from single peak fitting were used to calculate the {hkl} specific lattice strains heðhklÞi VD using:
where d(hkl) is the d-spacing for the deformed material and d 0 (hkl) corresponds to the initial d-spacing without any applied stress (non-deformed material). The reference point for this calculation is the initial measured d 0 (hkl) for each lattice plane before deformation of the material. hi VD is the average over diffracting grains for the considered hkl reflection. Throughout the paper, the lattice strain is presented in units of microstrain (le), where 1le=10
À6 . Texture measurements were performed at the GEM beamline at the ISIS facility. Detailed information about the instrument and the technique used to determine the texture, can be found in Reference 33. Figure 2 shows the initial texture for three crystallographic reflections highlighting that the material is nearly isotropic.
Tension-compression tests were performed at room temperature. We considered two pre-strains: 2 and 6 pct in tension mode for the first test, and, À2 and À3 pct in compression mode for the second one.
In situ volume analyses were used in order to follow the evolution of internal strains during tension-compression tests at different macroscopic deformation rates with an interval of 0.5 pct. Experimental data were measured and analysed for several crystallographic planes families ( Figure 3 ). Only statistically representative hkl peaks in relation to the measured intensity are discussed in the following; i.e., 111, 200, 220 and 311.
III. TWO-LEVEL HOMOGENIZATION APPROACH
During Bauschinger test, it should be important to explain more realistically the overall behavior from the evolution of dislocation microstructure. As described in the literature, [34, 35] when a material undergoes a load beyond the elastic limit, a plastic mechanism quickly starts up, characterized by the creation and the movement of dislocation structure within the grain and along a given slip system. The appearance of dislocations in two regions comes with this mechanism:
(i) cells with low dislocation density; (ii) walls with high dislocation density coming with the increasing plastic strain.
The evolution of dislocation density is not similar in cells and walls. Consequently, a strong internal stress gradient, with a higher one in the walls than in the cells, is created. This generated composite medium, with contrasting mechanical properties, is characterized by a shape and an orientation which result mainly from an overall effect of loading on the polycrystal. As a consequence of changing the path load, this microstructure evolves and becomes sensitive during elastoplastic transitions. Moreover, the microstructure is able to bring about the occurrence of destabilizing microband shear. Therefore, the material damage is started. This explains the importance of developing a micromechanical approach that better takes into account the dislocation microstructures. A more realistic material behavior could be simulated during sequential loadings thanks to the incorporation of intragranular heterogeneities.
In this section, we detail the model used to describe the mechanical behavior of a FCC polycrystal aggregate based on a two-level homogenization approach ( Figure 4 ). Each grain is treated as a two-phase composite (heterogeneous medium) with dislocations walls and cells. [13] In each phase, it is assumed that slip is the predominant deformation mechanism and that Schmid's law is valid. The elastic behavior of both phases is assumed to be the same. The Kro¨ner model [36] is based on the solution of an ellipsoidal inclusion representing a given phase, embedded in a homogeneous equivalent medium (HEM). The consistency conditions (global compatibility and equilibrium) require that the average of the local fields within grain volume should be equal to the mesoscopic imposed ones. These averages express the fields of the HEM. The Kro¨ner formulation allows each phase to deform independently and differently, according to its properties and depending on the strength of the interaction between the phase and its surroundings (via the Eshelby tensor). In this view, each phase is in turn considered as an ellipsoidal inclusion surrounded by a HEM which has the average properties of the grain. It should be noticed that the phase state is characterized by the initial shape and orientation of the ellipsoid corresponding to a phase. The interaction between the inclusion and the HEM is solved by means of the Eshelby formalism. The HEM properties are not known in advance, but have to be calculated considering the average of the individual phase behavior. The presented model is formulated under the assumption of small deformation theory. The EPSC approach is adopted to perform the second transition level (from grain to polycrystal). In the present work, the model developed in Reference 24 is used. For more details of the EPSC model, see References 37, 38 . For the simulation, the polycrystal is assumed to be made up of single crystals which orientations are specified by a set of discrete Euler angles weighted to reproduce the crystallographic texture shown in Figure 2 . Each grain is considered as an elastoplastic anisotropic ellipsoidal inclusion embedded within a homogenous effective medium (HEM). The response and properties of the HEM are calculated as a weighted average of all single crystals.
A. First Transition Scheme
The phases have the same isotropic elastic behavior described by shear modulus l and Poisson's ratio m. The grain undergoes a strain e II (with a stress r II ) composed of an elastic part e e and a plastic one e p . Describing by e pc and e pw the mean plastic strain in the dislocation cells (c) and walls (w) respectively, one can write as follows:
where f c (respectively f w = 1 À f c ) is the inner volume fraction of cell (respectively cell walls) in a grain. X stands for the specific orientation of the considered inclusion in the specimen reference. X represents a vector in the three-dimensional crystallographic orientation; X = (u 1 , /, u 2 ), where u 1 , /, and u 2 are the Euler angles. In the remainder, X is omitted in order to lighten equations. Using the same mixture rule for stress, one has
where r a corresponds to the stress tensor in the phase a (the superscript 'w' stands for walls and 'c' for cells) and r II is the stress tensor induced in the grain.
With an isotropic elastic behavior:
½4
Using the Eshelby's works, Kro¨ner [36, 39] was adapted to the case of a two-phase composite:
where I represents the fourth order identity tensor. c a is the elastic constant tensor for the phase a. It is assumed that the same isotropic elastic parameters are used in both phases c a ¼ c w ¼ c c ð Þ . The Eshelby tensor, s esh , expresses inclusion interaction, with a given morphology independently of its elastic properties. The tensor s esh is evaluated basing on elastic properties of the matrix and the mechanical predicted behavior will be too stiff. One may retain the convenience of Kro¨ner's treatment but making a useful assumption of plastic accommodation proposed by Reference 40. An accommodation factor a T is introduced. This crude but simple and efficient approximation allows simulating quite well the mechanical response of real metals. This factor is used with an additional assumption concerning a T : it is supposed independent of the plastic flow and a T = 1/10. [41] In the following and for more clarity, the factor a T is omitted.
Taking into account the relations [2] , [3] and [4] , the mean stress tensors r c and r w within the cells and the walls can be written as
The plastic strain rate for each phase is the following: 
where R g a is the Schmid tensor on a system g. _ c g a denotes the slip rate on a system g.
The elastic strain rate is linked to the stress rate in the grain through the Hooke's law:
where s is the elastic compliance tensor at the grain level. The symbol '':'' denotes a contracted tensor product. The main mechanism responsible, for the hardening, involves dislocations that generate inside grains and build a particular architecture. [23] Few dislocations accumulate within cells. The annihilation of dislocations is mainly localized inside walls due to the rearrangement of dislocations associated with the plastic strain inside walls. [42] Basing on these physical processes and using the work of Essman and Mughrabi, [43] the rate of increase of dislocation density inside the walls on the system g is
with:
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_ q gþ w corresponds to the rate of increase of dislocation density inside the walls on the system g. This term is responsible for the creation and the development of the cell structure. This flux consists in dislocations that glide towards walls through the applied stress.
_ q gÀ w is the annihilation term which takes into account the dynamic recovery during the deformation.
b is the magnitude of the Burgers vector and y c is proportional to the annihilation distance of dislocation dipoles. L g is the mean free path of mobile dislocations in the cell interiors associated to the deformation system g. Its evolution is managed by the density of point obstacles (essentially cell walls) cutting the system g and creating interactions with gliding dislocations. Therefore,
The critical resolved shear stress (CRSS) can be related to the dislocation densities by the hardening relation: [44] 
s g c0a is the initial reference shear stress on system g and n is a constant depending on the interaction of dislocations. According to, [44] a gh is a hardening matrix which terms depend on the type of interactions between slip systems g and h. Only two terms, a gg and a gh g6 ¼h (respectively self-and latent hardening parameters), will be considered. q h a is the dislocation density in the phase a.
During plastic strain, dislocations, generated inside cells, move and store in walls. Hence, the cell structure affects the wall. This is the non-local hardening concept introduced by Muller et al. [4] In the general case, the non-local hardening laws can be written for a two-phase composite as follows: [4] _ s During the plastic regime, the variation of the cell interior volume fraction for a grain I is considered as a function of the accumulated slips through the following empiric relation: [22] 
where f 0 is the initial volume fraction and f ¥ is the saturation value at large strains. c par is a parameter describing the decrease rate of f cn and c acc cn is the accumulated slip in the cell in the grain n. This relation allows taking into account the intergranular plastic heterogeneities. The volume fraction of cells for each crystallite develops differently in relation to the effect of the grain orientation. It only depends on the plasticity activity. In the remainder, the cell volume fraction will be denoted f c instead of f cn .
The plastic flow can take place in a grain when the Schmid criterion is checked, i.e., slip occurs if the resolved shear stress s g a on a system g, for each phase, is equal to the critical value s g ca depending on the hardening state of the slip system. This necessary but insufficient condition requires complementary assumption which states that the increment of the resolved shear stress must be equal to the incremental rate of the CRSS. The resolved shear stress is defined as the projection of the phases stress tensor r a on the considered deformation system. For small strain formulation, it follows:
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The Schmid criterion is thus given by
The main problem is to determine which combination of slip systems will actually be activated at each step of the plastic deformation path. In this case, all possible combinations of potentially active systems must be scanned to find at least one that satisfies the two previous [19] [20] [21] conditions simultaneously. Processing time considerations become one of the main problems of the model. Moreover, this method could give several equivalent solutions for some hardening matrices. Franz et al. [45] proposed a different formulation to solve the problem of ambiguous selection of deformation systems and to reduce the computational processing time. Their numerical results in the case of BCC single crystals present a good agreement with the ''classic'' crystal plasticity based on the CRSS. This formulation was extended to the polycrystalline model framework by Lorrain et al. [46] The accuracy of the simulations was also evaluated at the meso-and macroscopic levels by referring to mechanical experiments (tensile tests, neutron diffraction). Based on the work of Franz et al., [45] the slip rate can be expressed by the following equation:
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The slip rates (_ c 
where H gg aa is the self-hardening parameter defined in relation [15] and [16] . The hyperbolic tangent function was tested and used because it allows reproducing the mechanical and hardening behaviors.
By using [18] through [22] , the slip rate on a system g for the cell and wall regions becomes
By developing [24] and [25] , one obtains after calculations the following matrix form:
where d gh is the Kronecker's delta. It should be noticed that superscripts g and h vary from 1 to N (N: number of active systems for each phase 'c' and 'w') for each term of the expression [26] . For clarity reason, the Eq. [26] is written in synthetic form: the variation of the superscript g and h is omitted. Equation [26] can be recast in a condensed form:
Replacing the expressions of _ e pa (5) and _ c g c [29] into [6] , the following linear relation is obtained:
where ' À1 is the elastoplastic tangent stiffness tensor. This tensor depends on active systems, elastic properties, stress rate and deformation history of each phase.
When the loading direction is reversed (tension followed by compression, for example), the slip systems are active in the opposite direction and the dislocation microstructure is being reorganized. One obtains a more or less important dissolution of the cell structure, depending on the pre-strain rate. Therefore, a new dislocation arrangement is achieved. [35] The hardening recovery is in line with the reconstruction of walls which dislocations having an opposite polarity to the pre-strain.
We introduced a dislocation densities law that captures the microstructural evolution during the reverse straining. For more details, the readers may refer to References 35, 47, 48 . It was then considered that a part of dislocations was gradually annihilated during the reloading. Thus, the new expression for the total dislocation density, during the second load, is given by two terms q 
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with q h fw , the dislocation density for the first loading. Its evolution is given by the Eqs. [7] through [8] . From the second loading, some of the dislocations are annihilated because of the change of loading path. This may then be simply expressed through the following relation:
fw is the dislocation density at the end of the first loading. p presents the ratio of the annihilated dislocations during the second loading. q h fw will continue to increase with strain rate. q h rw is the dislocation density reflecting the progressive dissolution of the microstructure during the second loading. Its initial value is calculated from
The rate evolution is considered as [47] _ q
B. Second Transition Scheme
In this part, we deduce the global behavior from the local one. Hence, it will depend also on the hardening microstructure.
The relation between the stress rate ( _ r I ) and the strain rate (_ e I ) can be written at the macroscopic scale as follows:
where L is the macroscopic tangent modulus for the fictional average homogeneous medium. The local strain and stress rates can be obtained classically through the localization A and concentration B tensors:
The volume averages of the local stress and strain tensors must coincide with the overall strain and stress. After some algebraic calculations, these conditions give the overall elastoplastic tensor L as a weighted average of the mesoscopic one ':
Equation [38] is a nonlinear implicit equation because S esh depends on the unknown L in the framework of EPSC theory. The Eshelby tensor is calculated by an integral equation [24] that fully takes into account the plastic anisotropy. This equation is solved iteratively. Once L is known, by specifying an overall stress or strain increment, the model can give the corresponding stress or strain tensors for each orientation. Therefore, the mechanical response of the polycrystal can be described.
IV. RESULTS
The performance of the enhanced approach presented above was verified for an AISI 316L austenitic stainless steel submitted to complex load paths. Different simulations of the global behavior at different pre-strains are presented. Then, the ability of the model to simulate correctly the different physical aspects of the local behavior and the induced microstructure during complex load paths is evaluated.
A. Simulation Parameters
In order to perform numerical simulations, the model parameters have to be identified:
Isotropic and homogenous elasticity, described by shear modulus l and Poisson's ratio m, is assumed (Table II) .
A value of 0.35 for n (Eq. [10] ) reflects multiple slips, involving the mutual intersection of dislocations of different slip systems. The cells are assumed to be ellipsoidal. The geometry of the cells is fixed during deformation whereas the dislocation densities will evolve (Eq. [7] ). The texture was introduced in the model by a set of 1500 grains characterized by Euler angles and weights which represent their volume fraction. The number of crystallites has been chosen to simulate the polycrystalline aggregate in an efficient way.
For FCC metals, the plastic deformation was modelled assuming {110}h111i slip systems. Two different initials CRSS (s cc0 " s wc0 ) are taken for each deformation mode. These CRSS are determined in order to reproduce the experimental yield stress.
Only very few experimental results on the dislocations evolution are available. First, these values of parameters are chosen to be coherent with those given by the literature. After that, these parameters are adjusted so that the model gives a good fitting with the macroscopic experimental curve under monotonic deformation. This is justified since the parameters q 0 , y c (Eq. [8] ), k L (Eq. [9] ) and n (Eq. [13] ) define the evolution of the dislocation density and the hardening behavior. Therefore, they can be derived from the macroscopic behavior. To determine the volume fraction, typical values for cell regions observed at small to moderate deformations are adopted. [34] The k value (Eq. [23] ) for each material is determined by comparison with a classic EPSC model under monotonic deformation (in term of main active deformation systems, crystal reorientations). Simulation parameters are summarized in Table III .
B. Global Behavior
Our validation starts by reproducing the global mechanical behavior of AISI 316L austenitic stainless steel during the uniaxial loading. This first simulation allows to study the effect of a monotonic tension test (6 pct) on the evolution of wall and cell behaviors, but also on the variation of internal stress heterogeneity (Figures 5(a)  and (b) ).
The stress-strain curve obtained with the present model two-level homogenization (2LH) and the experimental one for the first loading are compared in Figure 5 (a). The elastic part is correctly simulated despite the elastic isotropy assumption in the single crystal. In the plastic part, the material has a very low hardening slope characterized by a rapid elastoplastic transition. The initial residual stresses in the as-received non-loaded sample explain this type of hardening.
In our simulation, it is difficult to reproduce exactly this behavior without introducing numerical instabilities in the calculation of the overall elastoplastic tangent moduli L (Eq. [38] ). A compromise was found by increasing the simulated hardening rate in two steps, up to 2 pct and then up to 6 pct. Then, the stress-strain curve is well reproduced throughout the elastoplastic part of the first loading. 
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where f n represents the volume fraction of grain n.
It can be observed that the polycrystal and the phases do not reach their yield limit at the same time: cells and walls do not have the same initial CRSS. The wall hardening is controlled by the plasticity of the cells (Eqs. [8] and [11] ). Therefore, the wall behavior becomes harder than the cell one. Figure 5(b) shows simultaneously the third-order stresses r na 11 for each phase and the resulting mesoscopic stresses r II 11 at the grain level just before the elastic unloading. This description allows to reveal the strong internal stresses induced in walls phase and the development of heterogeneities during plastic regime. The dislocation density in walls increases more than the one inside cells. The internal stress differences as well as the induced yield stresses are due to this phenomenon. Figure 6 presents the experimental and predicted results of the tension-compression tests at two prestrains: 2 and 6 pct for the 2 LH model and the 1 LH approach (one level homogenization using an EPSC model).
In the 1 LH model, the grain is considered as a uniform medium. The intragranular heterogeneities are neglected or taken into account through the matrix hardening in a phenomenological way. In the present work, the model developed in Reference 49 is used. For a more detailed description of the EPSC model, see References 24, 50 . Each grain is assumed to have the form of an ellipsoidal inclusion in a homogeneous effective medium whose properties are the average of all the other grains in the assembly.
The 1 LH approach reproduces the macroscopic mechanical behavior under monotonic loading. But the EPSC scheme fails to explain and reproduce correctly the softening effects during the compression loading. Indeed, during the second loading, significant dispersions are observed with this model: at 1.25 pct of total strain, the predicted longitudinal stress value reaches r I 11 ¼ À526 MPa when the experimental one is only À185 MPa.
One can observe that the 2 LH model captures all the essential features (reloading yield stress, macroscopic work hardening) associated with the Bauschinger effect. However, during an elastoplastic transition, dispersion is noticed. At 2 pct of prestrain rate, the maximum standard deviation reaches 20 pct when it is only 13 at 6 pct of prestrain rate. For the highest prestrain rate, the difference between experimental and numerical results becomes small. This can be explained by the fact that the initial hardening of the material has a stronger influence for a low rate of prestrain. For a 6 pct prestrain rate, the loading clears the hardening history. This phenomenon is partially taken into account in our approach.
C. Internal Strain Response
In order to validate the elastoplastic constitutive law, the numerical results are compared with experimental ones obtained on the ENGIN-X diffractometer. The internal strain development in different grain orientations can be used as a useful and sensitive sensor of plasticity. Thus, the 2 LH was tested also at diffracting volume scale. Longitudinal and transverse strains are (Table III) . A comparison is performed between the 1 LH simulations and the present model at the diffracting volume. The development of the measured longitudinal and transverse internal strains during tensile-compression test is shown in Figure 5 for all the studied hkl reflections. It can be observed that there is a large variability in terms of the strain evolution, depending on the analysed diffracting plane and because of the plastic anisotropy in austenitic stainless steel. According to the analysed plane families, each crystallites group has different crystallographic orientations controlled by the initial texture of the material. These groups were more or less deformed depending on their orientation in relation to the loading axis, inducing the results variability for the measured lattice strains.
For example, in plasticity, the {200} orientation undergoes more stresses (hard slip) when the other planes families plasticize. On the other hand, the 111 reflection undergoes less stress; therefore it corresponds to a group of more ductile crystallites (easy slip). To illustrate this analysis, the evolution of the internal strain versus the macroscopic strain is plotted (Figure 7) .
Error bars are mainly dependent of the considered hkl reflections. Table IV clearly shows that these errors are large especially for 331, 420, 422 and 511. The smallest error is 21 lstrain for the 111 reflection and the higher one is 402 lstrain for the 422 reflection. It can be observed that, between both stress values 2 and 6 pct, the uncertainties are not in the same order of magnitude for a considered hkl reflection. For example, the difference reaches 138 lstrain for the 422 reflection.
During the first loading and for the longitudinal and transverse directions, a good agreement between the simulated curves and the experimental points in the elastic and plastic regimes under both approaches (1 LH and 2 LH) can be seen. The standard deviations between the experimental and simulated points vary from 0 to 33 pct (Figure 8 ). The maximum value is noticed for the 220 reflection.
During the load path change and for the longitudinal direction, the two-level homogenization approach (2 LH) better reproduces the experimental results than the EPSC model (1 LH) whatever the crystallographic reflection. At the end of the compression loading, the standard deviation between the two models is 27 pct for the longitudinal response of the 111 reflection.
The 1 LH approach fails to reproduce correctly the longitudinal elastic lattice strain during the second loading. Significant differences are obtained compared to the experimental results showing a significant standard deviation (52 pct). In this model, the local behavior (at the grain level) is based on the assumption of uniform deformation neglecting the formation of the dislocation microstructure. Moreover, this microstructure has an important role during the second loading.
It should be noted that for the 2 LH results, a good correlation with the experimental results is obtained; the transverse lattice strain for almost all reflections are well reproduced. Apart from the 220 reflection, weak standard deviations are obtained varying from 0 to 20 pct. Moreover, the model gives the higher standard deviation for the 220 reflection with a value of 40 pct. It should be noticed that the response in the transverse direction is very sensitive to the crystallographic texture and that the measured strain value is the average over a set of grains. Therefore, this can explain the difficulty to reproduce the results obtained in this direction. However, one could conclude that the developed approach gives good results for this direction.
Generally, despite some theoretical and experimental assumptions (isotropic elasticity, initial residual stress, microstructure heterogeneities), the model is able to reproduce the lattice strain evolution for the studied material. The largest tensile strains are observed for the {200} plane family. Thus, this grain group undergoes more stress when another one plasticizes and therefore has higher yield strength (Figure 7) . On the other hand, the 111 reflection undergoes less stress. It represents the more ductile family because the corresponding crystallite group is friendly oriented with respect to the loading direction. For the diffracting volume, the Bauschinger effect is better reproduced in the transverse direction than in the longitudinal one. It can be observed that some planes families are very sensitive like the {220} and the {331} planes.
V. CONCLUSION
In this work, a new approach based on a two-level transitions model was validated using in situ neutron diffraction data, acquired under sequential loadings on the ENGIN-X beamline at the ISIS facility. Moreover, the developed model was compared to the single-scale transition model usually used. Evolution of the longitudinal and transverse internal strains was determined during Bauschinger tests.
The single-level transition, using the self-consistent model, matches correctly the experimental results during the first loading for the macroscopic behavior. Nevertheless, this model fails to capture the elastoplastic transition during the second loading as it does not take into account the evolution of the microstructure of dislocation.
The developed model is based on a two-level transition approach. The grain is considered as a two-phase material with cell walls (with high dislocation density) and cell interiors (with low dislocation density). A mechanical description of the grain is expanded through a micro-meso transition based on a Kro¨ner modified approach. The intragranular heterogeneities are described by a non-local work-hardening linked to the two-phase description. The dissolution of the dislocation microstructure is also implemented. This consideration for the microstructure description allows to better reproduce the local and global mechanical behaviors for the analysed reflections.
The presented composite grain approach, coupled with a non-local hardening and a dislocation densities evolution law, is well adapted. It highlights the Bauschinger effect characterized among others by an early re-yielding during reverse deformation.
